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Atomistic simulation of the atomic structure and diffusion within the core region
of an edge dislocation in aluminum
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The core structure of an edge dislocation in aluminum is studied by molecular dynamics simulation with the
glue potential. The edge dislocation of t%@llO](lll) type is observed to dissociate into two partials
separating from each other by a distance of 9 A. The half width of the two partial dislocations is deduced to be
6.5 A, giving a half width of the whole dislocation of 12 A. Dislocation mobility is studied by applying a shear
stress on the crystal and by observing the corresponding shift of the Burgers vector density. After considering
the mirror force on the dislocation exerted by the fixed boundaries, a Peierls stress>»fl0.75u (u is the
shear modulusfor the motion of the whole dislocation is obtained. Atomic diffusion in the core region of the
edge dislocation is simulated by hyper molecular dynamics method and the migration energy for vacancy
diffusing in the dislocation core is calculated to approximate 0.5 eV.

[. INTRODUCTION Simulation of the diffusion process of atoms or vacancies
in lattice and in the region of defects at high temperature is
Molecular dynamic$MD) simulation is a very useful tool also a great advantage of MD simulation. For example,
in the study of defect structure and atomic diffusion inPlimpton and Wolf have simulated the self-diffusion in bulk
crystall The atomic structures of dislocation core in and in the grain-boundary in alumindnand Huanget al.
metal$~® and in intermetallic compounti€ were investi- have simulated the pipe diffusion along a dissociated edge
gated by MD simulation in the past decade. In all studies, thelislocation in coppet? For the pipe diffusion along disloca-
phenomenon that the dislocation dissociates into two partialons the direct experimental data are difficult to obtain. The
was observed. But the details of the dissociation obtainediscussion of pipe diffusion is mostly based on tracer diffu-
from the simulation depend greatly on the interatomic potenSion experiments carried out on low-angle grain boundaries,
tial that governs the movement of the atoms to be simulatedNd only sparse results have been obtained on isolated dislo-
The only way to determine which interatomic potential is cation by assuming that the dislocation has a homogeneous

. . . . . P 15
most suitable is to compare the results simulated from dif€ore of radiuss~5 A with high diffusivity.”> Therefore the

ferent potentials with experimental and analytical atomic simulation of pipe diffusion along dislocations is very

- ; : tant in this sense. At low temperature however, the MD
conclusior® Due to the high stacking fault energy and manyImpor ; . '
body effects, simulation of the core configuration of a dislo_method is less effective than the Monte Carlo method due to

cation in aluminum is more difficult than in other fcc metals,(té:e long simulation time, but the Monte Carlo method is less

h Il pai tential d bedded at th irect in the simulation of atomic diffusion than the MD.
where all pair potentials and many eémbedded atom metnot§;n .o 3 new MD method was suggested by Véterhich

(EAM) potentials seem to be commonly problemétior ¢ called by him the hyper-MD method, the diffusion pro-
the present investigation, the so-called glue potential for alugass even at room temperature or lower can be successfully
minum suggested by Ercolessi and Adahis proved to be a  sjmulated by hyper-MD method.

gOOd Choice, Wh|Ch can Simulate the intl’inSiC StaCking fault In this paper' we have simulated the core structure of an

323Lgc)éo?sfrgir?hEif\AlsgteT\fg?UCh higher than the values 117716(111) edge dislocation and the migration of vacancy

: . ) ) . .in aluminum by adopting the glue potentfalFor compari-
The Peierls stress subjected by a moving dislocation igon the core structure of the edge dislocation is also simu-

determined not only by the materials parameters, but also bjted by an EAM potential’ The interatomic potential and
the atomic configuration of the dislocation core. The valueshe simulation method are illustrated in Sec. II. The disloca-
of Peierls stress for fcc metals obtained from experiments ofion core structure and its dissociation into two Shockley
from theoretical calculations scatter in the range of 2@  partials are elucidated in Sec. IlI. In Sec. IV the Peierls stress
10" *u where u is the shear modulus. Kosugi and Kiho is deduced from the relationship of dislocation displacement
observed a new internal friction peak at 11 K in aluminumwith the externally applied shear stress. The migration en-
and attributed this peak to the mechanism of kink pair for-ergy for vacancy diffusion in the core region of the edge
mation. They thus deduced a Peierls stress &f18 °u. dislocation is given in Sec. V. Finally in Sec. VI we con-
Kogure and Kosudichecked the Peierls stress in copper andcluded the simulation results.

silver by MD simulation and obtained a Peierls stress of 3

X 10 °u in copper. These results are a little smaller than the Il. INTERATOMIC POTENTIAL AND SIMULATION

general experimental resufifout they are in agreement with METHOD

that calculated from the first principle based on Peierls- The glue potential suggested by Ercolessi and Ad8ms
Nabarro modet? and the EAM potential suggested by Mei and Daverifort
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sition of the fixed boundary atomsThe fixed boundary will
affect the dislocation core structure and the dynamics of the
atoms in the core region. However, this effect can be ne-
glected if the simulation box is large enough, as in our case
where the dimensions of the simulation box in the directions
of [110] and[111] is more than 30 times of Burgers’ vector.
To prepare this configuration, an ideal fcc lattice with a
lattice constant of 4.03 A is first constructed with the lattice
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OO vectorsx ([110]), y ([111]), andz([112]) along the edges

of the simulation box. Then all atoms are displaced accord-
ing to the linear isotropic elastic theory to produce an edge
dislocation at the center, and the overlapped atoms after the
displacement are removed. At last the system is relaxed so
that each atom feels no force. This relaxation process is re-
alized by moving each atom according to Newton’'s equa-
tions of motion and setting the velocity of every atom to zero
after each time step in the aim to quickly equilibrate the
atoms® This process proceeds until the absolute value of the
Z l—»}‘ spatial derivatives of the total potential energy becomes

- o T !
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smaller than a given positive number, i.e., uhWV|2<2.5
X105 (eVIA)2.

FIG. 1. A part of the model crystal with a fixed boundasplid To investigate the mqbility of an edge dislocation under a
circles and an edge dislocation at the centie solid squane The shear stress, a dynamic simulation is performed. A shear
atoms to be simulated are represented by open circles and the arr#€SS is applied on the slip plafil1) along the slip direc-
indicates the position of the slip plane. tion [110]. To produce such a shear stress in the lattice, all
atoms including those in the boundary region are displaced
according to the strain field corresponding to this shear
stress. According to the linear elastic theory, the shear stress

have the following general form:

1 7 is associated with the strain or the shear angles
V= 2| Flpi)+ EIE é(rij), oy = tanf. So the model crystal is sheared Byo maintain a
i;’e'j shear stress in it.

According to Peierls-Nabarro modgla gliding disloca-
_ 2 F(ri) @ tion feel_s a periodical potential. Peier!s stre_ss is defined as
Pi &y the maximum stress needed for the dislocation to overcome
this periodical potential. The fixed boundary will exert inevi-
whereV is the total potential energy of the systemiis the  taply an image force on the dislocation, which can be as-
electron density at the position of atdndue to all neighbor  symed to have a linear relationship with the dislocation dis-
atoms,f(r;;) is the electron density at the position of atdm placement in the case of small displaceméntBy
due to aton] as a function of their distanag; , #(rij) isa  considering the image force and Peierls stress together, the
pair potential, and=(p;) is a function that depends on the relation between the shear stress and the dislocation displace-
lattice structure and represents the many-body interactiomment can be written in the following form:
The two potentials differ in the actual forms of function
F(pi), f(rij), and ¢(r;;). These three functions have a 2
simple analytical form for the EAM potential, while for the 7(U)=Ku+ 71 sin(T +7, Sin(T
glue potential they are obtained by a numerical optimization

procedure, or in other word, by combining a large amount ofy here (u) is the shear stress,is the dislocation displace-
ogtput Of 'f|rst-p'r|r.10|ple calculgtlon$p05|tlon§ .and forces ment,K is a constant representing the magnitude of the im-
with traditional fitting on experimental quantities. age force,d is the period of the Peierls energy, which we
The cross section of the model crystal or the S|mulat|onChoose to be 2.85 A, the same as the Burgers veetand
box is shown in Fig. 1, where $(110](111) edge disloca- 7, are constants. The last term in HS) is added because

tion along the[ 112] direction (perpendicular to the papes  the perfect dislocation o[ 110](111) will pass a metastable
indicated at the center by the solid square, and the slip p|ar\905|t|on at the middle point of the slip distande or the

is horizontal as pointed to by the arrow. The total atom num-peierls potential has a local minimum. The Peierls stress can
bers in the model crystal can reach more than 10000 in thge obtained as the maximum value of the sum of the last two
simulation of dislocation core structure. In the simulation ofterms in Eq.(3). Therefore, if we calculate the variation of
diffusion and dislocation slip, the total number counts 5736shear stress with the equilibrium position of the dislocation,
with the number of movable atoms being 3380. PeriodiGye can obtain the Peierls stress according to(Bg.To do
boundary condition is applied along the dislocation line buthjs, it is necessary to accurately determine the equilibrium
the boundaries along the other two d|rect|or|ji:l(0] and position of the dislocation under different shear stresses,
[111]) are fixed(the solid circles in Fig. 1 represent the po- which is not easy in the case of high shear stress. The
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method adopted by Kogure and Kosddi which the dislo- 2.8
cation is assumed to have reached its equilibrium position .
when the kinetic energy of the system has just reached its )
maximum, is not accurate enough in our case. So we preser 1 ™
a new approach as following, which is proved to be more ~ 301
accurate. T

After the deformation, each movable atom is given a ran-
dom velocity to raise the temperature of the crystal to 101 K
or higher. A dynamic simulation is performed by keeping the
atom number, crystal volume, and the temperature constant
This simulation method proposed by Brown and Clatke ]
consistent with the canonical ensemble. The temperature 0 -3.4-
the system is decreased after every 500 time steps by 10 K : —
until the temperature reaches to 1 K. The total energy of 56.0 57.0 58.0
those moving atoms is then minimized using a conjugate- atom position (A)
gradient technique, allowing each atom to reach to its equi-
librium position. To determine the position of the disloca-
tion, the function of Burgers vector density is introduced
which is defined as the spatial derivative of theomponent
of the relative displacement at the slip plane with theo-
ordinate. The position where the Burgers vector density has
maximum as a function of is defined as the center of the
dislocation.

The hyper-MD simulation methdlis a general method
for accelerating the MD simulation of infrequent events in
sglids, for example atomic diﬁusiqn, on _the basis of the t.ran'cable and we must consult to the original method suggested
sition state theory. A bias ppltennAIV raises the energy in by Voter.
regions other than the transition states between potential ba- The choice of the function form foAV is arbitrary as

sins. The superposition of this bias potential will make thelong as theAV is zero at the saddle points of the potential
total resultant potential valley shallower and shorten the timT(VV=0) and there would be no deeper valleys after the

interval for the atoms to stay at the valley. Transitions occu ddition ofAV. In the following simulation of vacancy dif-
at an accelerated rate and the elapsed time becomes a Staﬁjss'ion in disldcation core, we follow the local hyper-MD
tical property of the system. ThisSV is computationally con- method. but localize the t;ias potenti&V only on one se-
structed without the advance knowledge of the potential U, cted étom and constructV according to the following
face, but must be zero at the saddle points of the potential Sl%rmula which is a combination of the two forms afV
that the atomic diffusion is enhanced while not changing the ' d by Vote
diffusion mechanism. According to Voter, the time scale issuggeste y VOtet.

enlarged nonlinearly when a bias potentdV is added:

ial (eV

potent

no AV
added 4V

FIG. 2. The potential profile of the selected atom without bias
potential AV (solid line) and with bias potentiahV (dashed ling
"The potential valley is nearly filled up byV.

time. This local hyper-MD method is very suitable to study
fhe dynamics of a group of atoms while the dynamics of
other atoms is not in interest, for instance, in the case of
surface diffusion of adatom and dimer. However, for the
study of the dynamics of whole system, as in the case of
phase transition, this simplified method will not be appli-

AV=————: z=af(e,;—¢ g1—¢ 2 (6
AVi 1+Z/Zmax ( 1 basg( 1 bastg ( )

Atpi=Atyp exp —=1, 4 .
bi™ =MD F{ kT) @ where a, . and epase are tunable parameters, is the

standard step functiom,; is the minimum eigenvalue of the
Hessian matrix H I(-IijE(92V/(9xi(9xj), which has the size of

only 3X3 in our case. The introduction of parametefs,

wherek is the Boltzmann constant,is the absolute tempera-
ture, AV; is the bias potential at thigh time step,At,; and
Atyp are the escaped real timeigh step and the MD time  and gp,eeis to control the maximum value okV and to
stepllgespectlvely. In our case, we cho0Ssyp=2  gnpance the acceleration effect, respectively, and the choice
X 10" ®sec. The total real time is thus of their values depends on the characteristic of the potential.
By localizing AV on only one selected atom and creating a

i :zn: At ) vacancy in the neighboring, we can study the orientation
b4 bi» dependence of the diffusion coefficient for the dislocation
core diffusion.
wheren is the total number of MD time steps. In the simulation we choosg,,,,=0.6 eV for bulk diffu-

The AV is in general a function of all atoms to be simu- sion andz,,~=0.5eV for dislocation core diffusion, aral
lated, and thus its calculation is much time consuming, espe=0.5A%eV, &,,.e=0.9 eV A? for both cases. These param-
cially for a large number of simulating atoms. Gong andeter values are adjusted by comparing the potential profiles
Wilkins?® improved this hyper-MD by localizing thAV on  of the selected atom before and after the addition of the bias
some selected atoms. This localization approximation can bgotential AV, as shown in Fig. 2, where the solid line rep-
viewed as dividing the system into two subsystems with dif-resentsv and the dash line i¥+ AV of the selected atom in
ferent interatomic potential. Although only a few atoms’ the dislocation core. The curves in Fig. 2 are calculated from
movement can be accelerated, this improved method wilEgs.(1), (2), and(6) using the above parameter values, when
simplify the calculation ofAV and save much computation the selected atom moves quasistatically from one vacant site



9320 Q. F. FANG AND R. WANG PRB 62

m&&i 2"
]
&
ve x O 0.06-
S
z 2
®
FIG. 3. Atomic structure in the core region of the edge disloca- > 0.04
tion. The dislocation line lies in the plane of the paper along the g
vertical direction and the Burgers’ vector is along the horizontal 0.02-
direction. a
to the neighboring vacant site. By adding a bias potential  0.00

described in Eq(6), the original valley of about 0.55 eV is " 20 4 60 8 100
negrly _fiIIed up, leaving shallower_vall_eys_of only 0.1 eV. x (A)
This will greatly enhance the atomic diffusion.
FIG. 5. the Burgers vector density obtained by simulation with
IIl. CORE STRUCTURE OF AN EDGE DISLOCATION the glue potentialsolid line) and with the EAM potentialdotted
line).
The core structure of the dislocation obtained with the

?boye pl)rocedure is dsrt]k?wlg in Fig. 3,twh_ere|the Shislqcatiorbf [110]. It is worth noting that the maximum value of tae
IN€ 1S alongz axis and the burgers vector IS ajong Maxis. component is much smaller than the projection onzive-

neighboring slip planes adjacent to the dislocation line, regrdmate of the Burgers’ vector of the Shockley partial

spectively. The solid circles are the atoms in the dilatations [ 121], which is equal to 0.82 A. This fact suggests that the

region at the lower slip plane while the open circles are thé'€2 v_vithin the dissociated dislqcation is not a pure stacking
atoms in the compression region at the upper slip plane. Thigult ribbon, where the core regions of the two partials over-
misfit in the core region is apparent and spreads severé‘?p and thez components of their displacements annihilate
atomic spacing wide. with each other. _ _ .

By comparing the positions of the corresponding atoms at '€ Burgers vector density as functionsxobbtained by

the two neighboring slip planes, we can obtain the relativé"® Simulation with the glue potentigsolid line) and with
displacement of the atoms. Theandz components of this the EAM potenual(doyted ling is shown in Fig. 5. There are
displacement as a function of tiecoordinate are shown in WO peaks representing the centers of the two Shockley par-

Fig. 4. Thex component is zero at one end, and at anotheli@ls. The separation distance between the two partials ob-

end is 2.85 A, equal to the magnitude of the Burgers’ vectort@ined by the EAM potential is about 30 A, which is unrea-

The region where the component dramatically changes rep- Snably large but close to the result obtained previously by
resents the dislocation core region. Theomponent has a Hakkinen et al” However, a much smaller separation dis-

nonzero value only in the dislocation core, the maximum off@nce of abou9 Ais obtained by using the glue potential.
which is about 0.45 A at the center of the dislocation core, According to the elastic theory, the separation distance of

This nonzeroz component of displacement reflects the dis-the two partials is

location dissociation, because only in a dissociated disloca-
y  Giph,2(2+v)

tion the atoms displace along the direction[@21] instead , 7)
8y (1-v)
I P e whereb, is the Burgers vector of the partial dislocations,
25k is the intrinsic stacking fault energy,is the Poisson’s ratio,
: : Z-component J i
I : G (113 is the shear modulus across {14 1) plane that can be
g 20f T - x-component written asG;1;,=3Cg4' +3(C1;—~Cyp) "t in fec materials
= with C,4, Cy,, Cy44 being elastic constants. The values of the
c . . .
@ 15} : above parameters for Al obtained from experiment and cal-
qE_) - : culated from the glue potential are listed in Table I. Using
& 10} ! the parameter values from glue potential, the separation dis-
2 | ," tance between the two partials can be calculatedr as
O os5] =11.2 A according to Eq(7), which is close to the value of
L N 9 A simulated by the glue potential. This coincidence be-
0.0 | === . e S — tween the simulation result and the prediction of the elastic
) 20 40 60 80 100 theory indicates that although the separation between two

X (A) partial dislocations is only three times of the Burgers vector,

the interaction laws between dislocations predicted by elastic

FIG. 4. Thex component(dotted ling andz componentsolid ~ theory are still applicable. The present equilibrium separa-
line) of the relative displacement of atoms as a function ofthe tion between the two partial® A) is relatively small among

coordinate(in the direction of Burgers’ vectr those ever obtained in the atomistic simulation of the dislo-
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TABLE |. Values of parameters used in EQ).

b22 Cll C12 C44 C11

1 Y
(A% (10'°Pa)  (10°Pa)  (10°Pa)  (10°Pa) (/D) v
By glue potential 11.81 6.24 3.67 3.302 0.108 0.320
Experimental ' 10.82 6.13 2.85 2.492 0.166 0.347

cation core structure in Al, similar with the results obtainedstress is obtained as shown in Fig. 7. The solid squares in
by Aslanides and Pontik&, although it is much larger than Fig. 7 are results obtained by the simulation, and the solid
the separation of 5.8 A estimated from E@) by using the line is the result obtained by a numerical least-square fitting
parameter values from experiment. on the solid squares using E®). The parameterk, =;, and

To determine the half width of the dislocation, the Bur- 7, in Eq. (3) are fitted to be 6510 *u/A, 0.75
gers vector density in Fig. 5 for the glue potential is fitted x 10" # u, and—0.11x 10 * u, respectively.
into the derivative function of the arctangent function. This It can be seen from Fig. 7 that the fitted line and the solid
function has the form oP£2/[ (x—xo)%+ £2], whereP isthe  squares are generally well consistent with each other. The
peak heightxy and ¢ are the center and the half width of the fitted sinusoidal part(the Peierls stre$sis enlarged and
dislocation core, respectively. The obtained half width of theshown in the inset of Fig. 7. The higher order term in
partials is 6.5 A. The half width of the whole dislocation is sin(2zu/d) in Eq. (3) (the last term plays a much smaller
thus 12 A including the stacking fault ribbon. This is to say, role than the term sin¢u/d). It is clear that the amplitude of
if the dislocation in aluminum is treated as a whole dislocathe sinusoidal function or the Peierls stress is equal to 0.75
tion, its half width is almost four times of the Burgers vector. x 10”4 4. This value of Peierls stress is comparable with the

general experimett and nearly two times larger than the
IV. PEIERLS STRESS—MOBILITY OF THE EDGE result of Kosugi and Kind:
DISLOCATION

When a shear stress is applied on the crystal and a dyy' VACANCY DIFFUSION IN THE DISLOCATION CORE

namic simulation with the approach presented above is per- In the case of fixed boundary, only Frenkel pdiracancy
formed, the dislocation changes its position accordingly, asand self-interstitial atoncan be created if the simulation
shown in Fig. 6, where a shear stress 8f12 2 u is applied  process lasts long enough. Because of the large formation
on the model crystal. The original Burgers vector density isenergy of Frenkel pairs, vacancies cannot be automatically
the dotted curve, while the solid curve represents the Burgersreated in the simulation process that lasts for only several
vector density under the action of the shear stress. It can beundreds of ps, as in the case of grain boundaries. Therefore
seen clearly that the dislocation glides along the direction oft is necessary to introduce a vacancy into the lattice or into
the shear stress. The separation distance between two partigig dislocation core before the diffusion can start. In fact we
keeps almost constant in the gliding process, that is to saybserved no successful jump of the atom when no vacancy
although it dissociated into two partials, the dislocationinitially exists. With an enhancement of diffusion, the se-
glides as a whole when a shear stress is applied on its sligcted atom will jump into the neighboring vacant site after

plane. By changing the magnitude of the stress, the relatiorhaving vibrated at its equilibrium position for some time.
ship between the dislocation displacement and the shear

30
Peierls stress
1 os]
25~
0.08 13
a . ] gOO
‘B —~ 203
S 006 > 1°
- v 4y o] 0.5
= A
£ vy . , : ,
8 2 0 1 1 3
q>J 0.044 O 403 Dislocation displacement (A)
%) % 7
| B
) ]
© 0.02- 5]
S
m -
0 -
0.00 . : : : : :
T T T T T T T T T 0 1 2 3
20 40 60 80 100 Dislocation displacement (A)
X (A)

FIG. 7. The relationship of the shear stress with the dislocation
FIG. 6. The movement of the dislocation under shear stresseslisplacement. The solid squares are obtained by molecular dynam-
The dotted line indicates the original position of the dislocation; theics simulation; the solid line is the least-square fitting of the simu-
solid line indicates the dislocation position after the shear stress iation data into Eq(3). The inset is the enlargement of the sinu-
applied. soidal part, showing a Peierls stress of X71® * u.
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selected atom ~ vancancy 6.0
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) 5.0
4.5 1
(@) <
N 3.5
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| 2.5-
0 ‘ 50I00 ' 10(I)00 1 5600 20(I)OO

time steps

(b) FIG. 9. The displacement of the selected atom versus time steps
when it diffuses longitudinally along direction in the dislocation
core, which is obtained in a pipe diffusion simulation at 400 K by
h

the hyper-MD.

FIG. 8. Schematic diagrams illustrating the introduction of va-
cancies and the selection of the trace atom. The dislocation line li
in the plane of the paper along the vertical directi@.Configu-
ration for transverse core diffusiofly) configuration for longitudi-
nal core diffusion. equilibrium site, and only 35 successful jumps occur in the

whole simulation period of 40 ps. However, the real time
When the simulation process continues, the selected atoflapsed in the simulation process is enhanced by a factor of
will jump between these neighboring sites initially occupied10 000 in average in virtue of the hyper-MD, as calculated
by the selected atom and the vacancy. This forth and backom Eq.(4). That is to say, in a period of about 400 ns there
jump process of the selected atom is the same process whéfe 35 jumps for vacancy longitudinally diffusing in the dis-
we view that the vacancy makes such forth and back jumpdocation core.
So we actually simulate here the migration process of va- By counting the numbers of successful junipsnd cal-
cancy. culating the real elapsed tintg from Eqgs.(4) and (5), the

Since we can only simulate the diffusion process of ongump rate can be calculated at different temperaturd” as
selected atom by adopting the local hyper-MD method as=N/t,. We assume here thdt has an Arrhenius relation
mentioned above, the position of the introduced vacancyith temperaturd™=I"g exp(—H,,/KT) not only in the bulk
relative to the selected atom will determine the diffusionbut also in the dislocation core region, whetg, is the mi-
direction. This diffusion direction will not matter for the bulk gration energy of vacancies ang, is a constant. Then we
diffusion simulation because the fcc aluminum lattice is ho-can obtain the quantitid,, by plotting the values of Ifl")
mogeneous. For the pipe diffusion simulation however, theversus the reciprocal of temperature. These Arrhenius plots
diffusion coefficient or activation energy will be different of In(I") versus 1T are shown in Fig. 10 for bulk diffusion
when the vacancy diffuses along different direction relative(A), LCD (O), and TCD (OJ) of vacancies. The vacancy
to the dislocation line. The experimental researches on thmigration energies for bulk diffusiorH?), LCD (HY), and
internal friction peaks in cold-worked Al-Mg alloy€,which
are proposed to be associated with the atomic readjustmer* -
in the dislocation core, have shown that the activation energy 5| A

for transverse core diffusiofTCD) is larger than for longi- A‘ﬁ O : longitudinal
. . . . . K . QO :transverse

tudinal core diffusion(LCD). The diffusion direction for 151 v A buk diffusion

TCD is perpendicular to the dislocation line but in the slip

plane while for LCD it is parallel to the dislocation line. We 10

construct the initial configurations as shown in Fig. 8, with £ 5.
the connecting direction from the selected atom to vacancy=

perpendicular to the dislocation lij&ig. 8@a), for TCD] or 0
having an angle of 30° relative to the dislocation lif&g.
8(b), for LCD]. The vacancy is introduced into the dilatation -5

region where the pipe diffusion is believed to be easier than
in the compressive region and in the lattice. T

As an example, The displacement of the selected &tom 1000/T (1/K)
vacancy vice versaversus time steps when it diffuses lon-

gitudinally alongz direction in the dislocation core is shown £ 10. The plots of In{) versus the reciprocal of temperature.
in Fig. 9, which is obtained in a pipe diffusion simulation at The symbols are the simulated results for bulk diffusiay, lon-
400 K by the hyper-MD. It can be seen clearly that the segjtudinal (O), and transversé) diffusion in the dislocation core
lected atom or the introduced vacancy jumps between ther a vacancy. Least-square fitted lines yield vacancy migration
two neighboring equilibrium sites. In the most part of the energies of 0.55, 0.45, and 0.53 eV, respectively, for bulk, longitu-
simulation period, the vacancy vibrates in the vicinity of onedinal, and transverse diffusions.
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TCD (H/) deduced from the slope of the lines in Fig. 10 arerameters for atomistic diffusion both in bulk and in the de-
0.55, 0.45, and 0.53 eV, respectively. It is worth to point outfect region by using the approach of localized hyper-MD and

thatH:, and/orHT are smaller thai® . It is also interesting the parameters adopted in present work. A complete check of
L the validity of the localized hyper-MD approach may be to

to note thatH/ is larger thanH: , which is in accordance " AR . ) )
with the prediction of internal friction studi?. This effect simulate thg atqmlst|c diffusion by.changlng e in until
AV—0, which is planned and will be reported at a later

that LCD is easier than TCD was also observed in Al by

Hoaglandet al® at elevated temperature by using Monte stage.

Carlo simulation with the same glue potential, where they

designated the TCD and LCD as radial andomponent,

respectively. However, the average migration energy of a VI. DISCUSSION AND CONCLUSION
vacancy in dislocation core that they have obtained as 0.34

eV is much smaller tha_m the prgsent r_esults. This dIS_CI’epaan)éCt structure and the atomic diffusion in bulk or in the re-
mtz)iy come from the different simulation method;, since theyin of defect. By using the newly developed hyper-MD
Hp simulated by these two methods are also different anghethod, one can simulate the atomic diffusion even at room
between them lies the experimental data of 0.6 eV for vatemperature or lower temperature just for a relatively short
cancy migration energy in At! At present we argue that our simulation time. The simulation results, however, as illus-
results may be more reliable, because the migration energyated in the Introduction, are dependent on the interatomic
of vacancy for pipe diffusion is comparable K, with a  potential. Unfortunately, there are no absolute answers as to
ratio of 0.89, which is similar with the result of 0.94 in which potential is most suitable. For one kind of materials,
coppet* where they did not distinguish between TCD andwe could find several interatomic potentials in the literatures.
LCD. One potential will be successful for some kinds of problems,
As suggested by Balluffi and Granatbthe formation en-  but may fail for some other problems. So we must be careful
ergy of vacancies in the dislocation core would be the half oin the selection of the interatomic potential before we sit
that in bulk and is about 0.35 eV in Al, by using the vacancydown to solve the problem by the MD simulation method.
formation energy of 0.69 eV in the bulk predicted by glue Why the migration energy for a vacancy diffusing perpen-
potential’® Combining this value and our simulation results, dicular to the dislocation linéTCD) is larger than that par-
we can obtain the activation energy for TCD and LCD asallel to the dislocation linéLCD) can be understood on the
0.88 and 0.8 eV respectively, which are in good agreemeriasis of the dislocation core structure. Because the dilatation
with the experimental data of 0.85 eV measured from mas# the dislocation core extends mainly in tkelirection (the
transport along dislocation by capillarit§.The activation direction of Burger's vector the average atomic spacing
energies of Mg atoms for TCD and LCD in Al deduced from will be larger in thex direction than in the direction(along
internal friction peak in Al-Mg alloys are 0.6 and 0.5 eV, dislocation line, or exactly speaking inclined to the disloca-
respectively’? which are comparable with the migration en- tion line with an angle of 30° In the diffusion process the
ergy of vacancy in dislocation core. This fact suggests that idiffusing atom will repel the neighboring atoms aside and
the case of the internal friction measurement in cold-workedsqueeze through the saddle point. So when the selected atom
Al-Mg alloys, there may be enough vacancies existing ini-diffuses along the dislocation line and repels the neighboring
tially in the core region so that the diffusion of the atoms inatoms apart irx direction to pass through the saddle point, it
dislocation core needs not to form vacancies at first. Thisvill feel sparer space and pass through the saddle point more
suggestion is reasonable because in addition to the attracti@asily than when it diffuse along thedirection. This effect
of the dislocation, the vacancy is attracted by the Mg atomsvill result in smaller migration energy for LCD.
in the dislocation core due to the especially large binding The glue potential is proved to be a satisfactory potential
energy between vacancy and Mg at®friThe results ob- to describe the interatomic interaction in aluminum, espe-
tained in Al-Cu alloys where the Cu atom has a smallercially for simulating the dislocation core structure and the
binding energy with vacancies support this suggestion furatomic diffusion. The main simulation results obtained in
ther. The activation energy of Cu atom diffusing in the dis-this paper by using the MD method and the glue potential
location core region in Al-Cu alloys is deduced from the can be concluded as the following:

similar internal friction peak to be 0.8 ¥ similar with that (1) The edge dislocation o%[TlO](lll) type in alumi-
for the self-diffusion in the dislocation core. num lattice dissociates into two Shockley partials separating
We can see the validity of the localized hyper-MD in a from each other by a distance of ab®8uA and the half width
reasonable sense from the simulated valuebifandT'y.  of the partial dislocation is 6.5 A. If we treat the edge dislo-
TheT ', is the vibration frequency of the vacancy at the equi-cation as a whole, its half width can reach 12 A, three times
librium sites, usually close to Debye frequency in solids. Thearger than the value of Burgers’ vector.
I'y for the bulk diffusion, LCD and TCD obtained from Fig. (2) Thez component of the relative displacement between
10 are almost same and in the magnitude order &tS€ ',  the corresponding atoms in two neighboring slip planes can
consistent with the Debye frequency. This illustrates that théye used to sensitively judge the dislocation dissociation.
addition of the bias potentidlV in the localized hyper-MD (3) A Peierls stress in the magnitude order of 0.75
almost did not affecl’y. The bulk migration energy of va- x10 “ is obtained for the whole dislocation moving in
cancy in Al (H2) simulated by hyper-MD is 0.55 eV, com- aluminum lattice, wherg: is the shear modulus.
parable to the result of 0.61 eV predicted by the glue (4) The migration energies of a vacancy are obtained from
potential’® This fact shows that we can obtain reliable pa-simulation with hyper-MD method as being 0.55 eV for bulk

The MD simulation method is useful in studying the de-
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diffusion, 0.53 eV for transverse core diffusion, and 0.45 eVof self-diffusion in the dislocation core as in the range from
for longitudinal core diffusion. The fact that the migration 0.8 to 0.88 eV, which is consistent with experiments.
energy for bulk diffusion is larger than for core diffusion and

that the migration energy for TCD is larger than for LCD is ACKNOWLEDGMENTS
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